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Abstract 
 
Active room temperature diffusion-less climb of the <a> edge dislocations in model Mg-Al 
alloys was observed using molecular dynamics simulations.  Dislocations on prismatic and 
pyramidal I planes climb through the basal plane to overcome solute obstacles.  This out-of-
plane dislocation motion softens the high resistance pyramidal I glide and significantly reduces 
the anisotropy of dislocation mobility, and could help improve the ductility of Mg.  The flow 
stress scales linearly with solute concentration, cAl.  Dislocations climb predominantly in the 
negative direction, with climb angle on the order of 0.01cAl, producing very high vacancy 
concentration on the order of 10-4.  
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1 Introduction 
 
Magnesium alloys have drawn increasing interests for their applications in automobile, 
aerospace, and defense industries as lightweight materials.  However, their broad applications are 
hindered by the low ductility due to low HCP symmetry and strong anisotropy in deformation 
modes.[1]  In an effort to improve their mechanical properties through additive manufacturing, 
computational studies on the atomistic level were devoted in recent years to study the dislocation 
and twinning mobilities, particularly the solute effects including strengthening, softening, 
dissociation, and multiplication.[2-12]  Nevertheless, how to improve the capacity to better 
accommodate deformation in the c-axis still remain debated.(Figure 1(a))   
Deformation in the c-axis requires participation of non-basal dislocations.  In the past, much 
attention was paid to the <c+a> dislocations, and it was suggested that double cross-slip and 
multiplication of the <c+a> dislocations are the origin for improved ductility in certain 
alloys.[10, 12]  However, the importance of non-basal <a> dislocation was still believed to play 
an important role,[13] and recently experimental work suggested that the climb of non-basal <a> 
dislocation can provide a satisfactory explanation for observed transitions in both anisotropy and 
texture evolution.[14] 
Typically climb is closely related to creep, and is considered significantly active only at high 
temperature, facilitated by the diffusion of vacancies.[15-17]  For example, the temperature 
range for creep in Mg is 600-780K [18-20].  The room temperature climb, if occurs, is not likely 
due to the diffusion of vacancies.  Instead, it could potentially be driven by deformation and 
serves as source of vacancies.  The ability to generate large number of vacancies makes climb 
not only a mechanically interesting feature, e.g. voids and fracture, but also an important subject 
from materials processing point of view, where excess of vacancies stimulate diffusion, 
precipitation, segregation, or recrystallization.[21] 
2 Methods 
 
We study the glide of the <a> dislocations on two non-basal planes, prismatic and pyramidal I 
planes, and demonstrated that the diffusion-less climb can be induced by solute atoms.  
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Molecular static (MS) and Molecular dynamics (MD) simulations were performed using 
LAMMPS.[22]  Mg alloys were modeled using Kim et al.’s MEAM potentials for Mg/Al [23]. 
This MEAM potential has proven to yield good agreement with DFT calculations of more 
complicated <c+a> dislocation core structures in Mg[24], and has been used for simulating the 
solute effects on dislocation glide and twin propagation in our previous studies.[5, 7, 11] MS 
simulations were performed by energy minimization using the conjugate gradient method with 
energy tolerance being 10-14 throughout.  For MD simulations, the system was kept thermally 
isolated, i.e., no thermostat/barostat was used to minimize the addition of spurious dissipative 
dynamics.  Since the maximum shear strain applied to the system in our simulation did not 
exceed 0.05, the temperature rises due to the shear work was negligible.  Time was integrated 
using Verlet algorithm with a time step of 2 fs.  The Common Neighbor Analysis method [25, 
26] with a cutoff of 3.8 Å was used to identify the atoms in defects.   
The simulation box contains one positive edge dislocation.  The Burgers vector is along x- 
direction, and the dislocation line is along y- direction.  The lattice constants are obtained 
through separate equilibration simulations at given temperature and solute concentration at 0 Pa.  
The box dimension is about 32 nm in x- and z-directions and 16 nm in y-direction, thus the 
dislocation density is 1015m-2, which is comparable to that in severely deformed metals.[27]  The 
system volume remains constant, and there are about 7105 atoms in the system.  The Periodic 
boundary conditions were applied in x- and y-directions, and a mixed boundary condition was 
applied to the z-direction, similar to a previous work.[5, 7, 11]  Specifically, two slabs were 
created at the z boundaries with thickness dslab, chosen to be greater than the cutoff distance of 
the potential.  Atoms in each slab comprise a rigid body.  In addition, both slabs were prohibited 
from moving in the z-direction throughout the simulations.   Simple shear with constant strain 
rates 5×107 s-1 was simulated by displacing the +z slab in x-direction, while the –z slab was held 
fixed.  To study the solute effect, atoms between the two slabs were randomly substituted with 
solute atoms.  Temperatures from 0K to 500K were studied, as were solute concentration ranges 
from Al 0-7 at.%.  Open source software VMD [28] was used for visualization. 
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3 Results and discussion 
 
The <a> edge dislocation is stable on the prismatic plane, unlike the <a> screw dislocation 
which tends to cross-slip to the basal plane.[7]  The representative stress-strain curves of an <a> 
edge dislocation gliding on the prismatic plane at 300K are shown in Figure 1(b) for different Al 
concentrations, cAl.  The flow stress, or the CRSS, is calculated as the average value after the 
stress-strain curve reaches plateau after yield.  
The CRSS of Mg alloys is plotted as a function of solute concentration in Figure 1(c).  Excluding 
the data for pure Mg, the CRSS scales linearly with cAl for all temperatures in this study, 
suggesting a consistent mechanism for dislocation motion in the alloys.  This scaling is 
consistent with our previously study of basal <a> dislocation glide, as well as experiments, 
where the scaling transitions from cAl
2/3 at low temperatures to cAl
1 at high temperatures.[5, 29]  
The cAl
2/3 scaling is predicted by Labusch statistics [30], and the linear scaling is predicted by the 
Suzuki-Ishii development [31] of the Fleischer-Friedel model.  However, the obstacle strength 
and the dislocation line energy could significantly affect the scaling [30], as also observed in 
Ni/Al and Al/Mg alloy systems.[32, 33] 
 
   
Figure 1  (a) Crystal structure and slip planes in Mg. (b) Representative stress-strain curves for simple shear applied 
to a crystal containing an <a> edge dislocation on prismatic plane at 300K for different solute concentrations. (c) 
Solute concentration dependence of CRSS of prismatic glide of <a> edge dislocation for different temperatures.  
Symbols are simulation data, where center-crossed ones are for pure Mg.  Lines are linear fitting results using data 
for Mg alloys (excluding pure Mg). 
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Diffusion-less climb was observed in Mg alloys.  Snapshots of a gliding prismatic <a> edge 
dislocation in an alloy with 1 at.% Al at 300K is shown in Figure 2(a)-(d), where Mg and Al 
atoms are shown in red and blue, respectively.  A short energy minimization was performed to 
reduce thermal noises, and only defect atoms are shown.  At time t1 (Figure 2(a)(b)), several 
solute atoms serve as a barrier to pin the dislocation. With increasing shear stress, the barrier was 
overcome in the next 50 ps, by dislocation climb.  Figure 2(c) shows the unpinned dislocation 
and two small clusters of atoms.  The atoms in the clusters all have the number of nearest 
neighbors equal to or less than 11, indicating that that they are surrounding one or more 
vacancies.  Figure 2(d) shows that the jog pair distance is 2c, where c is the unit cell dimension 
along the <0001> direction (Figure 1(a)).  The jog has a height of about 0.27 nm, which 
corresponds to the distance between two neighboring prismatic planes.  Since this segment 
climbs in the negative direction, 4 vacancies were produced, as shown in Figure 2(c).  The 4 
vacancies are not produced all at once, as the dislocation core is able to retain single site defects.  
 
     
Figure 2  Snapshots of an <a> edge dislocation gliding on the prismatic plane through solute induced climb in Mg 
alloy of 1 at.% Al at 200K. (a)(b) Dislocation is pinned by solute atoms at time t1, (a) views into the glide plane and 
(b) views into the glide direction. (c)(d) Dislocation is unpinned through negative climb, generating 4 vacancies 
behind. (d) only shows dislocation for clarity. (e)(f) Climb distance in the z-direction and the number of vacancies as 
functions of strain at 300K (5-point average was used to reduce noises). 
 
No jog was found at any temperature for pure Mg, suggesting that the thermal jog density in pure 
Mg is low.  Climb, i.e., out-of-plane motion, requires high thermal activation energy and must be 
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induced by solute atoms.  In addition, no jog was found at 4K and 77K for Mg-Al 1 at.% alloy, 
suggesting that the in-plane Pierels barrier is lower than the formation energy of the jog pair 
under these conditions.  Typically climb is active only at high temperature, induced by diffusion 
of pre-existing vacancies in the crystal.  Diffusion-less climb process was observed for <c+a> 
dislocation glide in pure Mg using Liu’s EAM potential [34] in compression simulations at very 
low temperature [35].  However, the climb observed there was due to free surfaces.  Our study 
shows that solute induced climb of <a> dislocation in the crystal bulk at room temperature is 
very active. 
The <a> dislocation climbs in the negative direction because the formation energy of a vacancy 
is lower than that of an interstitial, and act as vacancy sources.  The average z-coordinate of the 
dislocation and the number of vacancies are plotted as functions of strain for different Al 
concentrations at 300K in Figure 2(e) and (f).  The climb angle is defined as dz/dx, where dz is 
the climb distance along the z-direction, and dx is the dislocation glide distance and is calculated 
using the Orowan’s equation, =bdx.  The linear fitting of Figure 2(e) gives the climb angle to 
be dz/dx −0.03cAl.  On the other hand, the vacancy concentration after stain =0.03 is on the 
order of 10-4.  This very high vacancy concentration is also comparable to that observed in 
experiments for severely deformed metals.[27, 36]  These values are far exceeding the typical 
equilibrium vacancy concentration based on formation energy.[37]  Therefore, current vacancy 
generation model based on thermal jogs need to be revised to account for the much enhanced jog 
creation rates especially in alloys.[21] 
On pyramidal I plane, solute softening was observed for <a> edge dislocation glide.  Figure 3(a) 
shows the representative stress-strain curves at 300K, where the flow stresses (CRSS) for 1 and 3 
at.% Al are significantly lower than that for pure Mg.  The solute softening observed in Figure 
3(a) is also due to climb, as will be discussed shortly.  The CRSS of pyramidal I glide as a 
function of temperature is shown in Figure 3(b), for different solute concentrations.  Solute 
softening was observed for temperatures up to 500K.  The temperature dependence of the flow 
stress is similar to what was observed experimentally in Fe alloys [38].  Both cases have high 
lattice resistance against in-plane glide, and out-of-plane dislocation motion (cross-slip in Fe and 
climb in Mg) is activated to help reduce the flow stress.  In Mg, this softening significantly 
reduces the anisotropy in dislocation mobility.  For example, the ratio of CRSS for <a> edge 
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dislocation on basal, prismatic and pyramidal I planes at 300K changes from about 1:2:19 for 
pure Mg to 1:3:4 for alloys with 3 at.% Al.[5] 
The CRSS for glide on the pyramidal I plane as a function of solute concentration for different 
temperatures is plotted in Figure 3(c).  Excluding the data for pure Mg, the CRSS scales linearly 
with cAl consistently, suggesting a consistent mechanism for dislocation motion in the alloys, 
same as the prismatic glide.  
 
      
Figure 3. (a) Representative stress-strain curves for simple shear applied to a crystal containing an <a> edge 
dislocation on pyramidal I plane at 300K for different solute concentrations. (b) CRSS as a function of temperature 
for different solute concentrations (Lines are guide for the eye).  (c) CRSS as a function of solute concentration for 
different temperatures.  Symbols are simulation data, where center-crossed ones are for pure Mg.  Lines are linear 
fitting results using data for Mg alloys (excluding pure Mg). 
 
Our simulation shows that dislocation moves in-plane in pure Mg, but it overcomes solute 
obstacles by climb in alloys.  Figure 4(a) and (b) show a snapshot of an <a> edge dislocation 
gliding on pyramidal I plane in an Mg alloy with 1 at.% Al at 300K, where Mg and Al atoms are 
shown in red and blue, respectively.  Figure 4(a) shows atoms in dislocation and the atoms 
surrounding defects.  These defects are all vacancies, as confirmed by the number of nearest- 
neighbor of these atoms.  The vacancies to the right of the dislocation were generated by itself in 
the periodic image box.  Figure 4(b) shows only the dislocation with three jog pairs.  The height 
of the jogs is about 0.23nm, corresponding to the distance between nearest pyramidal I plane 
pairs, which each pair consists of two planes 0.04nm apart.[35] There are 4 basal planes between 
each jog pair.  Climb of the pyramidal I <a> edge dislocation creates an <a> mixed dislocation 
segment on the basal plane, which has much lower flow stress than the pyramidal I dislocations.  
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This more mobile basal segment contributes to the reduced flow stress and the observed solute 
softening. 
Same as the prismatic glide, the <a> dislocation climbs in the negative direction, acting as 
vacancy sources.  The average z-coordinate of the dislocation and the number of vacancies are 
plotted as functions of strain for different Al concentrations at 300K in Figure 4(c) and (d).  The 
plateaus for alloys with 1 and 3 at.% Al are due to the dislocation gliding into the periodic image 
of the vacancy field itself generates, as explained above.  The climb angle dz/dx−4cAl, which is 
about twice as much as the prismatic slip.  This is probably due to the higher tendency to climb 
for pyramidal slip because of high shear stress.  As a result, the vacancy generation rate is also 
about twice as much as the prismatic slip. 
 
     
Figure 4. (a) Snapshot of an <a> edge dislocation gliding on pyramidal-I in Mg alloy of 1 at.% Al at 300K (Red is 
for Mg atoms and blue for Al atoms.): (a) View into the glide plane, and (b) view into the glide direction (only 
dislocation is shown for clarify).  See text for details.  (c)(d) Climb distance in the z-direction and the number of 
vacancies as functions of strain at 300K (5-point average was used to reduce noises). 
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4 Conclusion 
 
In conclusion, we have observed and investigated the active climb of <a> edge dislocation when 
gliding on prismatic and pyramidal I planes in Mg alloys.  Climb cause softening pyramidal I 
glide and helps reduce the anisotropy in CRSS, which could potentially help improve the 
ductility.  In addition, the climb is dominantly along the negative direction, producing a very 
high vacancy concentration, 10-4.  These excess vacancies could facilitate the climb of other 
dislocations, for example, <c> dislocations, to further improve the ductility of the Mg alloys.  On 
the other hand, they could also play important role in other plasticity and failure problems, as 
well as phase transformation problem like dynamic materials processing.  It is worth noting that 
we applied a high strain rate of 5107 s-1 in this study.  It is expected that with lower strain rate, 
the climb will be more active as the equivalent temperature is even higher.  This solute induced 
climb mechanism needs to be accounted for in multiscale modeling of plasticity and phase 
transformation.  For this purpose, accurate first principle calculation on the energetics of solute 
induced climb is underway. 
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